IN MANY APPLICATIONS of structural materials-aerospace, automobiles, power generation-increasing demands are being made for materials with temperature capabilities greater than those of superalloys. Intermetallics with higher melting points can replace superalloys with inadequate melting points (Ref 1-3). Intermetallics, characterized by strong, predominantly metallic bonding between unlike atoms, are situated between superalloys and ceramics. From bonding comes crystal structure, ordering, high strength at low and high temperature, and low ductility. Low fracture strain and poor fracture toughness (K Ic ) of the intermetallics stem from their complex crystal structures, large Burgers vectors (a crystal vector that defines the amount and direction of atomic displacement associated with dislocation motion in a crystal), high lattice stresses, inadequate slip systems, inability to promote cross slip, and lack of grain-boundary cohesion. The influence of such factors on the corrosion behavior is not insignificant. Stress generation during the scale growth, scale spallation during thermal cycling, stress corrosion and corrosion fatigue, and finally, cationic and anionic transports influencing the corrosion kinetics are all likely to be affected by these substructure defects. Thus, the corrosion behavior of the intermetallics stems from their inherent immunity or susceptibility to corrosion and from the modifications in macroscopic parameters, such as grain size, stoichiometry, grain-boundary design, microalloying, and second-phase incorporation, to increase the number of slip and to hence confer improvement of K Ic and fracture strain.
IN MANY APPLICATIONS of structural materials-aerospace, automobiles, power generation-increasing demands are being made for materials with temperature capabilities greater than those of superalloys. Intermetallics with higher melting points can replace superalloys with inadequate melting points (Ref [1] [2] [3] . Intermetallics, characterized by strong, predominantly metallic bonding between unlike atoms, are situated between superalloys and ceramics. From bonding comes crystal structure, ordering, high strength at low and high temperature, and low ductility. Low fracture strain and poor fracture toughness (K Ic ) of the intermetallics stem from their complex crystal structures, large Burgers vectors (a crystal vector that defines the amount and direction of atomic displacement associated with dislocation motion in a crystal), high lattice stresses, inadequate slip systems, inability to promote cross slip, and lack of grain-boundary cohesion. The influence of such factors on the corrosion behavior is not insignificant. Stress generation during the scale growth, scale spallation during thermal cycling, stress corrosion and corrosion fatigue, and finally, cationic and anionic transports influencing the corrosion kinetics are all likely to be affected by these substructure defects. Thus, the corrosion behavior of the intermetallics stems from their inherent immunity or susceptibility to corrosion and from the modifications in macroscopic parameters, such as grain size, stoichiometry, grain-boundary design, microalloying, and second-phase incorporation, to increase the number of slip and to hence confer improvement of K Ic and fracture strain.
This article reviews the progress that has been made in understanding the corrosion behavior of intermetallics. Such understanding is essential for the modeling of the corrosion processes and for devising a strategy to create corrosion protective systems by alloy and coating design.
The main emphasis is on the high-temperature corrosion properties of intermetallics, but information on aqueous corrosion is also reviewed due to the realization that aqueous corrosion can seriously compromise intermetallics usefulness. In the area of high-temperature corrosion, the discussion is centered on aluminides and silicides, while the aqueous corrosion review is concentrated on fundamental factors that make the aqueous corrosion of an intermetallic phase different from that of a homogeneous alloy or of the constituents in pure elemental form. Thermodynamic principles in the context of hightemperature corrosion, information on oxidation, sulfidation, hot corrosion of NiAl-, FeAl-, and TiAl-based intermetallics, and silicides are included. Aqueous corrosion is divided into two main topics: thermodynamic consideration, ordering influencing kinetics, stress-cracking corrosion, and hydrogen embrittlement; and practical issues of dealing with the corrosion problems.
High-Temperature Corrosion of Intermetallics
Three major types of high-temperature corrosion are oxidation, sulfidation, and hot corrosion. Oxidation involves solely the formation of an oxide scale. Sulfidation is concerned with the development of scales consisting of sulfide or sulfides. Materials exposed to environments containing other contaminants, in addition to oxygen and sulfur, can cause the development of complex scales containing oxides and sulfides, termed hot corrosion. The article "High-Temperature Gaseous Corrosion" in ASM Handbook, Volume 13A, 2003, will assist in understanding the fundamentals of hightemperature corrosion as well as the testing methods cited in this article.
General Principles
Important aspects of high-temperature corrosion are the processes of scale formation and scale degradation. Two additional modes of degradation that confer susceptibility of materials to high-temperature corrosion are intergranular corrosion and scale vaporization.
The scaling process in high-temperature corrosion involves the formation of a thermodynamically stable corrosion product (a scale) that separates the surface of the material from the aggressive environment. Although the following discussion begins with basic principles, these principles are very important and useful to understanding the formation of oxide/sulfide scales and the high-temperature corrosion mechanisms of intermetallics.
The formation of a defect-free, coherent and adherent scale containing lattice defects capable of sustaining only cationic and anionic transport allows progressive scale thickening and diffusion-controlled parabolic kinetics. Linear kinetics predominate in the case of an inherently nonprotective scale caused by the presence in the scale of inappropriate defect structures, physical defects, or by stress-induced scale spallation. A complex scaling process characterizes alloy corrosion accompanying the formation of a multiphase, multilayered scale; each layer grows in a parabolic rate with different rate constants. This steady-state scale development is often proceeded by the competitive processes of nucleation and growth of transient corrosion products dictating the mode and nature of subsequent scale growth.
Equilibrium thermodynamics, although not predictive, allow an assessment of the nature of the possible reaction products, whether or not significant evaporation or condensation of a given species is likely, and the conditions under which a given product can react with a condensed deposit. See the article "Thermodynamics of Gaseous Corrosion" in ASM Handbook, Volume 13A, 2003. The standard free energies of formation (DG ) of oxides and sulfides as a function of temperatures and the corresponding dissociation pressures of the oxides and sulfides are conveniently summarized in the form of Ellingham/Richardson diagrams, as illustrated in Fig. 1 
and 2 (Ref 4).
Along the ordinates are plotted values of DG for the oxides and sulfides and of the partial molar free energy of oxygen and sulfur, while the temperature is plotted along the abscissa. The values of DG refer to the standard free energies of formation of oxides and sulfides per mole of oxygen or sulfur, for example, 4 / 3 AlþO 2 = 2 / 3 Al 2 O 3 .
In an environment containing oxygen and sulfur, the following reactions need to be considered for a divalent metal, M: Examination of Eq 3, 4, and 7 permits the identification of various limiting situations concerning the type of surface corrosion products that may be formed:
If (p O2 ) gas 4(p O2 ) eq and (p S2 ) gas 5(p S2 ) eq , then MO is the only stable surface phase.
If (p O2 ) gas 5(p O2 ) eq and (p S2 ) gas 4(p S2 ) eq , then MS is the only stable surface phase.
If (p O2 ) gas 4(p O2 ) eq and (p S2 ) gas 4(p S2 ) eq , then both MO and MS should be stable and form as surface products.
However, reference to Eq 7 indicates that only one phase will form, depending on which of the following conditions prevails:
(p S2 =p O2 ) gas 4(p S2 =p O2 ) eq . This condition will cause Eq 5 to proceed to the left, and MS will be the stable phase, where the metal is in contact with the gas.
(p S2 =p O2 ) gas 5(p S2 =p O2 ) eq . In this case, MO will be the stable phase, and Eq 5 will proceed to the right.
If the equilibrium partial pressures of the oxidants in the environment are known, a thermodynamic stability diagram can be constructed for a given temperature, as shown in Fig. 3 ( Ref 5) . Such a thermodynamic diagram gives the stability range for all relevant phases, in this case, metal, oxide, and sulfide, at a given temperature. The boundaries are calculated from thermodynamic data for the relevant reactions. The line between the oxide and sulfide remains unchanged by activity changes in the alloy. The corrosion conditions, that is, the oxygen and sulfur pressures in a given gas atmosphere, represent a point on the diagram.
The fields in the schematic thermodynamic stability diagram are indicated:
A, metal is the only stable phase. B, oxide is the only stable phase. C, sulfide is the only stable phase.
It should be stated that although the gas equilibrium can be calculated readily for many gas mixtures at a given temperature and pressure, in many cases, even at temperatures as high as 1000 C (1830 F), gas equilibrium is not established. Furthermore, it should be noted that as soon as the metal surface is either partially or completely covered by the corrosion product, corrosion would then not be exclusively determined by thermodynamics. The kinetic factors, such as diffusivity of the different alloying elements and of the reactive species (oxygen, sulfur), as well as the morphological features of the scales formed significantly influence the degradation mechanisms of high-temperature corrosion. The analysis leading to this conclusion is based on the Wagner model (Ref 6) for the selective oxidation of an active element in a binary alloy to form a continuous external scale in the absence of transient oxidation. See the article "Kinetics of Gaseous Corrosion Processes," in ASM Handbook, Volume 13A, 2003. According to the Wagner theory, a continuous external layer of oxide should form on a binary (A-B) alloy when the solute concentration in the alloy exceeds a critical atom fraction (N B crit ), as expressed as: ) and/or (D O ) of oxygen in the alloy are reduced, the value of N B crit can also be significantly reduced. Long-term stability of the protective scale requires that the flux of solute to the alloy/scale interface remains large enough to prevent oxides of A from becoming stable. Pettit (Ref 7) , for example, found that there are two critical concentrations for the formation of alumina scales on nickelaluminum alloys: one value required for development of the alumina scale, and a larger value required for maintaining its stability.
When high-temperature alloys (usually based on nickel, cobalt, or iron) containing a number of elements are exposed to oxygen at elevated temperatures, oxidation may be anticipated in accordance with a design rationale. Thus, certain elements (such as chromium, aluminum, and silicon) with high affinities for oxygen may be expected to oxidize in preference to those derived from the base metals with high dissociation pressures. This process of selective oxidation is the concept for developing oxidation-resistant alloys (Ref 8-10 ). In particular, the composition of the alloy is chosen such that the stable oxide is the one that provides the most effective protective barrier. The oxides Cr 2 O 3 , Al 2 O 3 , SiO 2 , and possibly BeO are of primary interest because they exhibit low diffusivities for both cations and anions and are also highly stable. Usually, alumina is an excellent barrier to oxygen at temperatures below 1300 C (2370 F), but at higher temperatures, oxygen permeation through silica occurs at a slower rate.
References 11 and 12 have a comprehensive review of the process of sulfidation. Compared to oxidation, sulfidation is characterized by faster kinetics and the formation of scales with complex defective morphologies. Sulfidation is particularly severe in high-p S2 and low-p O2 environments. Table 1 , an important component in the development of many oxidation-resistant alloys. In contrast, the refractory metals (vanadium, molybdenum, niobium, and tungsten), together with zirconium and hafnium, display low rates of sulfidation. These elements, when incorporated in sulfidation-resistant materials, are likely to enhance the resistance to sulfidation, particularly under reducing conditions (Table 2) .
Enhanced sulfidation resistance can be achieved by employing the same principles used in increasing the oxidation resistance of materials. The incorporation of appropriate elements into the base materials undergoing selective sulfidation leads to the development of a barrier layer capable of sustaining lower ionic transport rates. While selective sulfidation to form a showing the stable ranges where oxide or sulfide can be formed at a given temperature. Source: Ref 5 sulfide barrier layer will be governed by the free energy of formation, the kinetics of this selective process, and hence the overall rate of sulfidation, will be controlled by the defect structure of the sulfides (Table 3) , their ability to support fast or slow diffusion rates as measured by self-diffusion coefficients (Table 4) , and the melting points and mechanical stability indicated by the Pilling-Bedworth ratio. See the article "HighTemperature Gaseous Corrosion" in ASM Handbook, Volume 13A, 2003. Figure 4 shows the binary NiAl phase diagram (Ref 13) . NiAl possesses the ordered cubic B2 (cP2) CsCl crystal structure (Ref 1, 13 ). This structure exists over the composition range of 45 to almost 60 at.% Ni. NiAl is strongly ordered, even above 0.65 T m (where T m is the melting point), with an intrinsic disorder parameter of less than 5 · 10
Ni 3 Al and NiAl

À3
. The B2 structure is stable for large deviation from stoichiometry, and significant long-range order has been reported. NiAl not only has the highest melting point of any compound in the NiAl system but also is the most stable. This high degree of thermodynamic stability and the existence of a wide phase field make NiAl relatively easy to fabricate in a range of forms, from fine homogeneous powders to single crystals.
For four decades, NiAl has been extensively studied as a potential structural material in the aerospace industry due to (Ref 1, 13):
High melting point (1638 C, or 2980 F), as shown in Fig. 4 Sulfidation. The high-temperature sulfidation behavior of nickel aluminides has been shown to be strongly influenced by the alloy and gas compositions. The sulfidation behavior of four nickel-aluminum alloys containing 25 to 45 at.% Al studied (Ref 47) over the temperature range of 750 to 950 C (1380 to 1740 F) in a gas mixture of H 2 /H 2 S (0.1 to 10 vol%) has been reported to follow parabolic kinetics. Doublelayered scales consisting of an outer layer of Ni 3 S 2 and an inner layer of NiAl 3.5 S 5.5 form on all alloys regardless of the aluminum content, indicating insignificant influence of aluminum content on sulfidation rate. However, the low oxygen partial pressure in H 2 /H 2 S/H 2 O mixtures has been shown to significantly influence the sulfidation behavior; severe attack by rapid internal oxidation destroys all the alloys except Ni25Al 
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forming after an incubation period. An interruption of the H 2 S gas flow stops internal oxidation; virtually no internal oxidation occurs in flowing H 2 /H 2 O atmospheres. These facts indicate that H 2 S is essential for triggering and maintaining the internal oxidation of the nickel aluminides.
The effects of H 2 S concentration on the sulfidation behavior of Ni 3 Al at 875 C (1605 F) in several H 2 /H 2 S gas mixtures ranging from 0.16 to 4.7 vol% H 2 S are demonstrated in Fig. 5 (Ref 3). Also shown for comparison are weightchange data for oxidation of the alloy in an air environment. The weight-change data indicate that at H 2 S levels up to 0.75 vol%, the reaction rate follows a parabolic behavior, and at H 2 S levels of 1.5 vol% or higher, the weight-change data exhibit accelerated corrosion. At low levels of H 2 S (0.16 and 0.38 vol%) in the gas phase, the sulfidation rates become similar to the oxidation rates in an air environment. As the H 2 S level increases, the sulfidation rate increases, and at 1.5 vol% H 2 S, liquid Ni-Ni 3 S 2 eutectic forms, and accelerated corrosion ensues. At a H 2 S level of 4.7 vol%, the calculated rate constant for sulfidation is 8.7 · 10 À10 g 2 /cm 4 /s, which is~4 orders of magnitude larger than the rate constant for the oxidation of the alloy. At higher sulfur levels, the weight-change curves show an accelerated rate for longer times, due primarily to a decrease in the reaction surface area produced as the reaction front advances deeper into the alloy.
Hot corrosion studies of the NiAl intermetallics are very few. An investigation of hot corrosion (Ref 48) on a Ni 3 Al alloy at 605, 800, and 1000 C (1120, 1470, and 1830 F) demonstrates the significant effect of temperature. The specimens coated with 1+0.1 mg/cm 2 of Na 2 SO 4 -Li 2 SO 4 and then exposed to a 1% SO 2 /air gas mixture have indicated highest weight gain at 1000 C (1830 F) and least weight gain at 800 C (1470 F). It is proposed that NiO oxide formation consumes oxygen in the molten salt. The consumption of oxygen locally reduces the oxygen potential and increases the sulfur partial pressure in the molten salt. As the sulfur partial pressure reaches the equilibrium partial pressure region of NiS x and/ or AlS x , NiS x and/or AlS x forms at the salt/alloy interface through sulfidation reaction. The consumption of sulfur decreases the sulfur potential, and oxygen partial pressure increases in the molten salt. This leads to the formation of NiO again. This mechanism also suggests that NiO and NiS x and/or AlS x are produced simultaneously. Because the produced sulfide is thermodynamically unstable when the oxygen potential increases, it is possible for the sulfides to convert into oxides (NiO, Al 2 O 3 , and NiAl 2 O 4 ) through the necessary reactions. There are two possibilities for the formation of spinel phase, which is produced either through the reaction of aluminum and nickel with oxygen in the molten salt or through the evolution of sulfides.
Fe 3 Al and FeAl
The iron aluminides, mainly Fe 3 Al and FeAl, are of interest for many land-based applications because of their appropriate mechanical properties, ease of fabrication, excellent oxidation and corrosion resistance, conservation of strategic elements, low density, and low cost. Moreover, FeAl is characterized to possess good resistance to catalytic coking, carburization, sulfidation, and wear. Therefore, iron aluminides are being developed for use as structural materials and/or as cladding for conventional engineering alloys. C (2770 and 2280 F), respectively, and densities are 6.72 and 5.56 g/cm 3 , respectively. However, the Young's modulus values for Fe 3 Al and FeAl are 140.6 and 260.4 GPa (20 and 38 · 10 6 psi), respectively, and the stiffer intermetallic has a tendency to be much more brittle. Their tensile strength also compares favorably with many ferritic and austenitic steels. However, Fe 3 Al and FeAl are susceptible to environmental embrittlement in the presence of water vapor, although the degree of sensitivity of Fe 3 Al appears to be less than FeAl. Limited ductility at ambient temperatures and a sharp drop in strength at above 600 C (1110 F) have been major deterrents to their acceptance for many structural applications.
Oxidation of FeAl-base intermetallic alloys usually shows different behavior in air and oxygen atmospheres (Ref 49) ; the oxidation rates of Fe-37Al oxidized in ambient air are higher than in oxygen at 1000 to 1200 C (1830 to 2190 F), with a double-layered oxide scale forming on the surface of Fe-37Al specimens during oxidation. In the case of air oxidation, the outer layer consists of convoluted whiskers of a- Corrosion of Intermetallics / 495 oxidation kinetics of Fe-37Al intermetallics. Yttrium additions to Fe-37Al decrease the oxidation rates at 1000 to 1200 C (1830 to 2190 F). Fe-37Al-0.1Y-0.2Zr revealed lower oxidation rates at 1100 and 1200 C (2010 and 2190 F) than Fe-37Al but not at 1000 C (1830 F). Fe-37Al with zirconium demonstrated higher oxidation rates than Fe-37Al. Fe37Al-0.8Zr exhibits a lower oxidation rate at 1100 and 1200 C (2010 and 2190 F) than Fe37Al-0.3Zr. The effects of the reactive elements on the isothermal oxidation of Fe-37Al can be classified into different groups. The compact oxide scale formed on the doped Fe-37Al reduces the oxidation rate. Reactive elements form special oxides that have faster growth rates than the aluminum oxides. Furthermore, reactive elements, such as yttrium or yttrium þ zirconium, increase the transformation temperature of h-Al 2 O 3 to a-Al 2 O 3 . The scale growth on undoped FeAl is influenced by the cation and anion short-circuit diffusion. The scale growth on doped FeAl is controlled mainly by anion short-circuit diffusion. The oxide grain size has been observed to have significant effects on the effective diffusion coefficient of the scales formed on the undoped Fe-37Al but not on the yttrium-doped . The isothermally grown scales are associated with a propensity toward massive scale spallation due to both extensive rumpling from growth stresses and an inner layer of HfO 2 . Spallation in cyclic oxidation for 200 one-hour cycles produced little degradation at 900 or 1000 C (1650 or 1830 F), but caused significant spallation at 1100 C (2010 F) in the form of small segments of the outer scale. The major difference in the cyclic oxidation of the three FeAl alloys mentioned previously is increased initial spallation for FeAl þ zirconium and boron. Although these FeAl alloys indicate many similarities to NiAl alloys, they are generally less oxidation resistant. It is believed that this stems from the presence of nonoptimal levels of dopants and larger thermal-expansion mismatch stresses.
It is reported (Ref 54) that the addition of a reactive element (RE)-yttrium (usually) and/or hafnium-significantly improves the oxide adherence of Fe 3 Al over the range of temperature from 900 to 1100 C (1650 to 2010 F) for up to 240 h. Without RE additions, the Al 2 O 3 scales developed on Fe 3 Al alloys become convoluted, with the growth of the oxide scale being controlled by a mixed-diffusion mode of aluminum and oxygen transport. Reduced aluminum diffusion and the formation of a flat scale growing mainly by the inward transport of oxygen are associated with adding REs, especially yttrium. The reduction in the transport of aluminum in RE-doped Fe 3 Al alloys, reducing the Fe 3 Al alloy rate of oxidation, probably stems from the segregation of the RE to the scale/alloy interface. Extensive intergranular oxidation of the yttrium-containing Fe 3 Al alloys has been observed, probably due to the segregation of yttrium (not hafnium) to the alloy grain boundaries. The detrimental effect of excessive hafnium content on the oxide growth is believed to be due to the formation of hafnium-rich oxide particles facilitating inward scale growth, leading to the formation of localized oxidethickening "pegs" and the eventual formation of less protective oxide, especially under thermal cycling.
Sulfidation. The results obtained from the sulfidation experiments conducted on several sets of iron aluminides at temperatures between 400 and 1000 C (750 and 1830 F) (Ref 55) are shown in Fig. 7 , giving thermogravimetric data for ternary iron aluminide tested in a 1.35 vol% H 2 S/H 2 gas mixture at 650, 875, and 1000 C (1200, 1605, and 1830 F). Also shown in the figure are data for type 310 stainless steel oxidized in air at 1000 C (1830 F) and sulfidized in the 1.35 vol% H 2 S/H 2 gas mixture at 875 C (1605 F). Figure 8 shows some scanning electron micrographs of surfaces of Fe 3 Al and type 310 stainless steel specimens after sulfidation. The temperature dependence of the morphologies of surface sulfides on the Fe 3 Al probably results from the variable thermodynamic activity of sulfur in the exposure environment, with the activity being lowest at 1000 C (1830 F) and highest at 650 C (1200 F) (H 2 S concentration in the gas was kept constant). In the scales on the Fe 3 Al consisting of (Fe,Al) sulfides and iron sulfides, the relative proportion of the former to the latter decreases with decreased temperature. The scale on the type 310 stainless steel is predominantly (Fe,Cr) sulfides with some nodules of iron sulfide.
Comparative studies have been conducted on the sulfidation resistance of Fe 3 Al and several chromia-and alumina-forming alloys in oxygen/ sulfur mixed-gas environments (Ref 55, 56) . Thermogravimetric studies on oxidation of ironbase alloys with differing aluminum concentrations and Fe 3 Al alloys show that a minimum aluminum level of 12 wt% is needed to develop a continuous alumina scale that is resistant to sulfur attack. A detailed comparison has been made of the corrosion performance of aluminaand chromia-forming alloys exposed to oxygen/ sulfur mixed-gas environments.
The results obtained from the high-temperature corrosion behavior of FeAl (42 at.% Al) intermetallics in a mixture gas (95% N 2 þ 5% H 2 ) plus 1% H 2 S at 600 C (1110 F) show excellent corrosion resistance for FeAl in this atmosphere; the mass gain of FeAl remains to Fe 3 Al. However, the combined addition of yttrium þ hafnium compromises the benefit to the sulfidation-resistance enhancement. It is interesting to note that a superlattice of MnS formed on the sulfidized Fe 3 Al with the addition of yttrium and hafnium, as revealed in Fig. 9 .
Hot Corrosion. Important information on the hot corrosion behavior of FeAl intermetallics comes from the studies on binary iron aluminide, Fe-25Al (at.%), at 827, 952, and 1057 C (1521, 1746, and 1935 F) (Ref 62) . The results obtained from hot corrosion studies conducted by coating the specimen surfaces with 2.5 + 0.2 mg/cm 2 of Na 2 SO 4 prior to exposure in pure oxygen show parabolic rate constants. The faster kinetics in the initial stages of oxidation are thought to be related to the formation of hAl 2 O 3 and the slower kinetics in the later stages of oxidation to the formation of a-Al 2 O 3 , with the overall rate of hot corrosion being higher than that of oxidation at all the temperatures. The presence of a-Fe 2 O 3 in addition to alumina is indicated by x-ray diffraction (XRD) analysis of the scales present on the surface of the samples after hot corrosion. Fourier transform infrared spectra from the spalled scales in hot corrosion divulge the presence of a-Al 2 O 3 , a-Fe 2 O 3 , and sulfate. Cross-sectional microscopy reveals pitted metal/scale interfaces in hot corrosion conditions, with the pits containing aluminum sulfide. Sulfides are also identified along the grain boundaries in the intermetallic near the scale/metal interface.
Ti 3 Al and TiAl
Recent research and development efforts on Ti 3 Al and TiAl ordered intermetallics, which are potential candidates for the structural materials in aerospace and automobile industries, have resulted in considerable improvement in their mechanical and metallurgical properties. The binary titanium-aluminum phase diagram is given in Fig. 10 F) . At these temperatures, titanium aluminides will be subjected to severe environmental attack, particularly oxidation during service. Clearly, to achieve such enhanced high-temperature capability, it is essential to devise strategies based on alloy development and/or protective coating design. Such strategies must be underpinned by a thorough understanding of the corrosion behavior of these intermetallics.
Oxidation The difficulty in the development of Al 2 O 3 scale in TiAl intermetallics is associated with the retardation in the selective oxidation of aluminum. The thermodynamic imperative in promoting the formation of both titanium and aluminum oxides leads to the development of scale layering comprised of TiO 2 /Al 2 O 3 /TiO 2 . The number of layers formed is influenced by temperature, time, and the partial pressure of oxygen.
In order to understand the oxidation mechanisms from a fundamental point of view, the authors (Ref 71) have carried out nanoscale studies of the early stages of the oxidation behavior of TiAl, allowing nanoscale information on the scaling processes to be obtained. A two-stage strategy was used. The first stage involved scanning tunneling microscopy (STM)/ scanning tunneling spectroscopy (STS) investigations of TiO 2 (110)-(1 by 1) surface in order to establish "fingerprints" for the identification of the products formed during oxidation of TiAl. In the second stage, a TiAl intermetallic alloy was studied by STM/STS after repeated sputtering and heating (to provide ideal surfaces) in both low-and high-oxygen potential environments. For TiO 2 , it was found that the oxygen vacancies produced created additional defect states in the band gap of stoichiometric TiO 2 (Fig. 11b) . This state can be taken as the fingerprint for the reduced TiO 2 surface, indicating the presence of Ti 2 O 3 . The energy for this state, estimated from the STS measurement, is in agreement with previous results (Ref 71) .
Following oxidation at room temperature with 100 Langmuir oxygen, the TiAl surface, with well-developed terraces, ledges, and kinks, shows islands of oxides of nanometer size and monolayer height (Fig. 11a) . The tunneling spectroscopy results recorded on these islands show the semiconducting character and peaks at 1 eV below the Fermi level (SS) on the normalized tunneling conductance dI/dV curves (Fig. 11b) . This curve resembles the curve obtained for TiO 2 where surface states (SS) were created due to the formation of Ti 2 O 3 . Thus, the curves in Fig. 11(b) confirm the nucleation of Ti 2 O 3 in a low-oxygen-pressure environment and clearly show that oxidation of TiAl begins with the formation of Ti 2 O 3 . Surface morphology of the TiAl alloy after exposure to a high-(atmospheric) oxygen-potential environment is shown in Fig. 12(a) . The current/potential (I/V) curve recorded on this surface (Fig. 12b ) reveals asymmetric shape and shows that the tunneling current is higher for the positive polarization of the sample than for the negative voltage of the same value. Furthermore, a well-defined suppression of the tunneling current, that is, presence of the I(V) % 0 region in the À1.5 to 0.8 eV energy range, is observed. This type of asymmetry and suppression of the tunneling current can be explained by the presence of TiO 2 material on the surface as amorphous TiO 2 and can be regarded as a 3 eV band-gap binary oxide (suppression of the tunneling current), with the Fermi level shifted toward the valence band (asymmetry of the tunneling current) (Ref 71 Molybdenum, tantalum, and niobium increase the oxidation resistance to such an extent that the . The obtained oxidation resistances remain too low and limit the application of Ti 3 Al-base alloys at high temperature. Therefore, coating of these alloys is necessary.
The oxidation resistance of c-TiAl is higher than a 2 due to the higher aluminum content but still orders of magnitude lower than that of Al 2 
The majority of the studies on oxidation behavior of TiAl intermetallics involved experiments in air. In general, it is found that faster oxidation kinetics are promoted in air than in oxygen (Ref 76-81) . In Ref 82, the oxidation behavior of Ti-52Al (at.%) at 900 C (1650 F) in various atmospheres, including air and pure oxygen gas and also in oxygen mixed with different (2, 10, 90, 98, and 100%) nitrogen-containing atmospheres, was studied, and it was concluded that while a protective alumina scale was developed in pure O 2 , the nitrogen-containing atmospheres do not promote the formation of a continuous alumina scale; instead, intermixed TiO 2 /Al 2 O 3 nodules are detected. The density of these nodules has been found to increase with increasing nitrogen concentration in the reactive atmosphere. Reference 
. The enhancing effect of nitrogen was attributed to the elimination of internal oxidation of the niobium-containing alloy, which has been found to occur during exposure in Ar-20%O 2 . However, in the same study at 900 C (1650 F), the detrimental effect of nitrogen was also observed for Ti-50Al.
Using commercial gases (O 2 , Ar-21%O 2 , Ar-1%O 2 , He-1%O 2 , and argon containing impurities such as CO 2 It is possible to predict the alloying element concentration, the temperature, and the oxygen partial pressure of the atmosphere in which preferential oxidation of the alloying element can initially occur, provided that appropriate thermodynamic data are available. An oxidation mechanism has been proposed by the authors (Ref 87) Table 5 . Detailed calculations for the titanium-aluminum binary system (Ref 89) show that the activity of titanium is slightly higher than the aluminum activity in the Ti-46.7Al-1.9W-0.5Si alloy. It appears that the addition of tungsten and silicon does not significantly alter the situation concerning the activity of titanium and aluminum. Thus, the preferential formation of TiO 2 is predicted during exposure to both environments. The discontinuous nature of the TiO 2 layer at the early stages of oxidation, observed in this study, may be attributed to the two-phase nature of the microstructure of the alloy, which implies that the activities of titanium and aluminum varied depending on the location of the phases on the alloy surface, and it was difficult for TiO 2 to form in certain areas. During the initial exposure of the Ti-46.7Al-1.9W-0.5Si alloy to air at the experimental temperatures, the high oxygen partial pressure promotes the formation of TiO 2 , according to the reaction:
The formation of TiO 2 changes the balance of the activities of titanium and aluminum and the oxygen partial pressure between the TiO 2 layer and the substrate. The reduction of titanium activity then leads to the development of an Al 2 O 3 layer: Sulfidation. Information on the high-temperature sulfidation behavior of titanium-aluminum intermetallics is not extensive. Some work has been reported on the response of titaniumaluminum-base materials, such as Ti-54Al and Ti-48Al-2Nb-2Mn, after exposure at 900 C (1650 F) to mixed-gas environments with a fixed p O2 (10 À14 Pa) and with p S2 values of 0.0016, 0.11, and 1.6 Pa (Ref 91). The results from this study indicate parabolic kinetics at all p S2 values for sulfidation of the alloys. After some uncertainties at the early stages of sulfidation, prolonged exposure (168 h at 900 C, or 1650 F) indicates that the greatest resistance to sulfidation occurs at the highest p S2 (Fig. 14, 15) .
In the initial stages of exposure, the high affinity of oxygen for titanium and aluminum leads to development of an outer layer of TiO 2 , beneath which an Al 2 O 3 layer forms. Sulfur diffuses through the TiO 2 and Al 2 O 3 layers and reaches the substrate/scale interface, where the p O2 is low enough to promote the formation of TiS 2 and Al 2 S 3 (and NbS 2 in the case of Ti-48Al-2Nb-2Mn). Clearly, the presence of high p S2 in the bulk environment provides a higher driving force for sulfur migration that then supports a higher sulfur flux and favors the formation of sulfides of alloy constituents. Accordingly, a mixed layer of sulfides and oxides develops in the high-p S2 atmosphere, thicker than in the lowp S2 environment, thereby providing higher resistance to sulfidation.
In summary, the superior sulfidation resistance of Ti-54Al and Ti-48Al-2Nb-2Mn can be ascribed to several aspects of the scaling processes. First, the development of an inner layer of sulfides (TiS 2 , Al 2 S 3 , NbS 2 ) provides an effective barrier to cation transport. The presence of refractory metal sulfide, NbS 2 , is known to cause significant improvement in the sulfidation resistance of the intermetallic alloy (Ref 92 Hot corrosion behavior of TiAl-base materials is discussed by considering the response of three titanium-aluminum intermetallics-Ti48Al, Ti-48Al-2Cr, and Ti-52Al-to exposure to 80 wt% Na 2 SO 4 þ 20 wt% NaCl-containing environments at 800 C (1470 F). Hot corrosion and scale spallation took place during the 200 h tests. Ti-52Al showed the best corrosion resistance among the three alloys. It is believed that the high aluminum content and single c-TiAl phase played a role, forming an aluminum-rich oxide scale with relatively good protective ability. Ti-48Al-2Cr also showed better corrosion resistance than Ti-48Al. The latter suffered a high corrosion rate and severe scale spallation. Three different exposure methods were used to study hot corrosion in salt-containing environments. These represent different service conditions. Among these methods, suspending the specimens in salt vapor appeared to be the most reliable method for kinetic studies. The influential factors are relatively easy to control. When using the salt-deposition method, the spallation of the salt film at the early stage needs to be considered. The immersion method showed the severest hot corrosion. Crucible materials and corrosion products dissolve into the molten salts, further complicating the reactions ( Ref 96) .
Hot corrosion tests (Ref 97) on Ti 3 Al, Ti-44Al, Ti-48Al, Ti-52Al, Ti-48Al-2Cr, and Ti 3 Al-11Nb (at.%) intermetallics were conducted in a salt mixture of 80 wt% Na 2 SO 4 þ 20 wt% NaCl with a melting point of approximately Corrosion of Intermetallics / 501 700 C (1290 F). The specimens were suspended in the salt vapor at 800 C (1470 F). It was found that the hot corrosion resistance generally increased with increasing aluminum content. Ti-48Al-2Cr showed the best corrosion resistance due to its relatively high aluminum content and chromium addition. Ti 3 Al-11Nb unexpectedly showed poor corrosion resistance. It is suggested that the niobium addition may accelerate the formation of sulfide at the interface, playing a detrimental role in the corrosion process.
The effect of reactively sputtered Al 2 O 3 and enamel coatings on oxidation and hot corrosion behaviors of TiAl was investigated at 900 C (1650 F). Isothermal oxidation testing indicated that both coatings were very effective in reducing the oxidation rate of c-TiAl. Cyclic oxidation testing indicated that reactive-sputtered Al 2 O 3 coating had little effect in improving the cyclic oxidation resistance of TiAl due to the spallation of Al 2 O 3 coating. However, enamel coating exhibited an excellent positive effect on cyclic oxidation of TiAl. The enamel coating was very adherent to the substrate, and neither cracks nor spallation appeared in the coatings during cyclic oxidation. Furthermore, the hot corrosion behavior of TiAl with enamel coating was evaluated in (Na,K) 2 SO 4 melts at 900 C (1650 F). The results showed that the enamel coating was very stable in (Na,K) 2 SO 4 melts and was very effective in protecting TiAl from hot corrosion attack (Ref 98) .
The hot corrosion behavior of Ti-50Al, Ti48Al-2Cr-2Nb, and Ti-50Al-10Cr alloys was investigated in (Na,K) 2 SO 4 and Na 2 SO 4 þ NaCl melts (Ref 99) . TiAl intermetallics showed much better hot corrosion resistance in (Na,K) 2 SO 4 at 900 C (1650 F) than the nickel-base superalloy K38G. Two types of corrosion products formed on Ti-50Al: Some areas were covered with a continuous Al 2 O 3 scale, whereas other areas formed a mixed Al 2 O 3 þ TiO 2 scale; TiS existed at the scale/alloy interface. A mixed Al 2 O 3 þ TiO 2 scale developed on Ti-48Al-2Cr-2Nb, and no sulfide was found beneath the scale. An adherent Al 2 O 3 scale, however, formed on Ti-50Al-10Cr, which provided excellent hot corrosion resistance. All three alloys suffered severe hot corrosion in Na 2 SO 4 þ NaCl melts at 850 C (1560 F). A mixed Al 2 O 3 þ TiO 2 scale was generated on all three alloys, and many voids and pits existed in the scale/alloy interface.
Silicides
Silicides form an important class of structural intermetallics, so their high-temperature corrosion response is of interest. High-temperature capabilities of silicides are much higher than those of aluminides, allowing working temperatures greater than 1400 C (2550 F). Such operating temperatures are needed for improving the thermal efficiency and reliability of energyconversion systems and advanced engine systems (Ref 100). The use of currently available alloys, such as nickel-base single-crystal superalloys, is limited to temperatures of~1100 C (2010 F). Superalloys derive their intrinsic strength by reinforcement with c 0 -Ni 3 Al precipitates, but these tend to coarsen and ultimately dissolve as the temperature increases beyond 1100 C (2010 F). Aluminide alloys based on NiAl, which are currently under development, have the potential for use up to 1200 C (2190 F). The melting temperature (T m ) of a material for structural applications at 1400 C (2550 F) needs to be 42000 C (3630 F), so that, at most, 0.75 T m is reached during service, and appreciable high-temperature strength is maintained. Of the available potential systems, refractory silicides, such as MoSi 2 and NbSi 2 , are widely recognized as potential structural and coating materials because of their high melting points, good mechanical strength, high thermal and electrical conductivities, and promising oxidation resistance at elevated temperature due to the formation of a self-passivating, glassy silica (SiO 2 ) layer. However, the use of silicides for high-temperature applications poses problems. The problems associated with the oxidation of silicides are well known, and so far, there have been limited studies on the sulfidation of silicides.
Oxidation. A great deal of research has been conducted worldwide to achieve protective oxidation of molybdenum silicides by the addition of a third element, such as aluminum, boron, germanium, tungsten, tantalum, titanium, zirconium, or yttrium (Ref 105-108) . All of these elements form oxides that are more stable than SiO 2 , and it is thought that the effect of their scavenging for oxygen may accelerate the scaling process of SiO 2 and thereby prevent or minimize molybdenum oxide formation. The addition of these elements, aluminum in particular, reportedly reduces pesting by the formation of an amorphous Mo-Si-Al-O phase in the initial cracks and voids (Ref 107) . However, the growth rates for the oxides of any of these third element additions (at low concentration) are fairly low and comparable to that of MoO 3 and may not fully minimize pesting attack for molybdenum silicides at low temperature. The protectivity of NbSi 2 in oxidizing environments may be compromised by the simultaneous formation of SiO 2 and Nb 2 O 5 due to the high solubility of oxygen in NbSi 2 and the close affinities of silicon and niobium for oxygen.
Sulfidation. A comprehensive review of the sulfidation behavior of intermetallics (Ref 100) found the Mo 5 Si 3 -type intermetallics in a 1.5 vol% H 2 S/H 2 gas mixture and compared the sulfidation resistance with relevant oxidation performance in air. Figure 17 shows the thermogravimetric test data obtained at several temperatures for oxidation and sulfidation of a boron-containing Mo 5 Si 3 . The data imply a protective scaling of the alloy at 500 C (930 F) under oxidizing conditions, not because of SiO 2 formation, but because the volatilization rate of molybdenum oxide is negligible. At temperatures of 800 and 1200 C (1470 and 2190 F), the curves demonstrate a sharp drop in specimen weight for~2 h, after which a plateau is reached and the weight changes little during 50 h of additional exposure, indicating a protective scale. The morphology of the scale after oxidation at 800 C (1470 F) has been observed to consist of a light-colored MoO 2 phase and a dark gray silicon-rich oxide; the scale after oxidation at 1200 C (2190 F) consists predominantly of silicon-rich oxide and almost pure molybdenum particles. The surface layer shows significant cracking and peeling and appears to remain highly plastic, as indicated by curling rather than spalling of the oxide layer. Such degradation of the oxide layer can expose interior molybdenum silicide to additional oxidation, and the sequential processes of oxidation and peeling can continue without offering oxidation protection for the alloy over long periods of exposure. The thermogravimetric test data obtained during sulfidation of the material reveal an approximately one order of magnitude smaller decline in specimen weight than in the data obtained during oxidation. It is not clear as to the cause for the initial drop in weight, except that the possible presence of residual moisture in the gas mixture can lead, in the early stages of exposure, to the formation of volatile oxides such as MoO 3 and/or SiO (especially in the reducing condition used in the experiments) before the development of sulfide reaction products. Figure 18 provides scanning electron micrographs of surfaces of boron-containing Mo 5 Si 3 alloy after sulfidation at 500, 800 and 1100 C (930, 1470, and 2010 F) in a 1.5 vol% H 2 S/H 2 gas mixture. After exposure at 500 C (930 F), the specimen surface shows isolated regions of molybdenum sulfide but no gross oxidation. After 800 C (1470 F) exposure, the specimen exhibits a greater coverage of the surface with molybdenum sulfide, whereas after exposure at 1100 C (2010 F), it shows almost complete coverage by molybdenum sulfide. These preliminary results indicate that the intermetallic material based on molybdenum silicide can develop protective sulfide scales during service in reducing environments at elevated temperatures.
Recently, the sulfidation behavior of (Fig. 19) show that all performed extremely well in this aggressive atmosphere. CrSi 2 shows the least sulfidation resistance, which is consistent with poor sulfidation resistance of chromium (Ref 11) . On the other hand, the silicon content in silicides also plays an important role to resist sulfidation attack; the high silicon concentration significantly increases the sulfidation resistance. For example, the sulfidation rates of MoSi 2 and NbSi 2 are 1 order of magnitude slower than Mo 5 Si 3 and Nb 5 Si 3 , respectively, as shown in Table 6 .
A protective SiO 2 scale observed on all exposed silicides is responsible for the prevention of further severe environmental attack, as presented in Fig. 20 . However, Cr 2 S 3 and NbS 2 were also formed on the exposed CrSi 2 and Nb 5 Si 3 , indicated by XRD and electron dispersive x-ray data. It is interesting to note that only nodular Cr 3 S 3 is formed on exposed CrSi 2 , and a continuous layer of Cr 2 S 3 failed to form even after 240 h exposure. Cross-sectional scanning electron microscopy observation showed that the Cr 2 S 3 nodules virtually destroyed the underlying SiO 2 . In contrast, a continuous and uniform NbS 2 layer developed. The SiO 2 layer still existed and effectively protected the substrate.
Hot Corrosion. Only very limited research on hot corrosion of silicides has been conducted. In the mid-1950s, it was shown that siliconcontaining high-alloy steels had the best resistance against V 2 O 5 melts at 925 C (1700 F); silicon and chromium appear to be the most promising combination of elements for the best hot corrosion resistance of heat-resistant alloys (Ref 110) . It also is reported (Ref 111-113 ) that silicon-containing overlay coatings on nickeland iron-base alloys show improved resistance against high-temperature oxidation and hot corrosion in the temperature range of 700 to 1000 C (1290 to 1830 F). Siliconized turbine blades coated by chemical vapor deposition processes as well as plasma spray tested at 710 C (1310 F) for 30,000 h in a burner gas containing 0.4% S, 15 ppm sodium, and 5 ppm vanadium, reveal the least attack. These materials have been demonstrated to be extremely resistant against hot corrosion and show promise of higher lifetimes for turbine blades.
Silicon-containing coatings with a matrix consisting of the saturated c solid-solution Ni 6 Cr 2 Si 2 and that also contain intermetallics of complex tantalum silicides as precipitates show great promise as protective layers for nickel-base alloys, with improved oxidation and hot corrosion resistance from the hot corrosion tests at 1000 C (1830 F) for up to 4000 h in burner gas with intermediate dipping in Na 2 SO 4 and V 2 O 5 melts. From silicon diffusion data, lifetimes greater than 10,000 h at 1000 C (1830 F) can be realized (Ref 117) .
However, it is reported that there is evidence that silica or silicon-rich scales may be attacked under basic fluxing conditions. MoSi 2 has been shown to be very resistant to attack by NaCl and V 2 O 5 but does dissolve in Na 2 CO 3 intervals to 1000 to 1200 C (1830 to 2190 F) and then sprayed with 1 to 10% salt solutions of NaCl, Na 2 CO 3 , and Na 2 SO 4 , remain relatively unaffected after 20 h. The addition of acidic species, such as HCl, to the burner rig gas has been shown to significantly reduce dissolution in alkaline salts.
Other Intermetallics
The following intermetallics show interesting response to oxidation and may be useful as coating materials.
Noble-Metal-Containing Intermetallics: Platinum-Aluminum, Iridium-Aluminum, and Ruthenium-Aluminum Systems. Platinumaluminum intermetallics favor the exclusive formation of Al 2 O 3 and show stoichiometrydependent oxidation kinetics and scale morphology; the overall growth rate is extremely small at 1450 C Beryllide intermetallics with low densities and melting temperatures owe their good hightemperature oxidation resistance to the formation of a stable compact BeO scale (Ref 126, 127) . In water-vapor-containing atmosphere, the protectiveness is lost due to the formation of volatile Be(OH). The lack of ductility and toxicity of BeO are additional problems.
Aqueous Corrosion
High-temperature structural applications are the main driving forces for the development of intermetallic compounds, and corrosion research has focused on degradation in the hightemperature gases of these environments. However, low-temperature aqueous corrosion of intermetallic compounds is of interest for four reasons. First, high-temperature materials will not always be at high-temperatures. Damage caused by low-temperature corrosion during fabrication or shutdown could result in catastrophic failures in service. This includes exposure to maintenance fluids or fire-extinguishing compounds as well as water or humid air and can be of particular concern for compounds susceptible to hydrogen-induced cracking in humid air. Second, there may be low-or intermediate-temperature applications where intermetallic compounds have superior properties to the alloys currently used. In many cases, intermetallic compounds will have lower densities and higher strengths than competing alloys and may have better resistance to fatigue, wear, corrosion, or a combination of these. Third, there are many fabrication processes, heat treatments, and joining methods that result in the formation of intermetallic compounds. Because heterogeneous nucleation is preferred, these phases tend to nucleate and grow at critical locations, such as grain boundaries and interphase bondings, and may limit performance if they have poor corrosion resistance. Fourth, because intermetallic compounds are frequently very hard or brittle at ambient temperatures, understanding corrosion could enable the creation of inexpensive electrochemical fabrication methods. Electropolishing, acid saw cutting, and electrochemical machining are examples of fabrication processes that use corrosion reactions to produce finished parts or surface finishes.
Aqueous corrosion of intermetallic compounds is influenced by the same factors that determine the corrosion performance of normal metallic alloys. In addition, there is a vast number of intermetallic compounds and environments that may cause corrosion of these compounds, most of which have not been studied. However, aqueous corrosion research has been conducted on a number of intermetallic compounds for low-temperature structural applications, but most of this research has been conducted on nickel, iron, and titanium aluminides. More detailed reviews of this research can be found in the literature (Ref 128-132) . Some research has been conducted on other intermetallic phases that form during heat treatment or joining of metals, but this section does not attempt to cover this literature (Ref 133, 134) . Here, the fundamental factors that make the aqueous corrosion of an intermetallic phase different from that of a homogeneous alloy or of the constituents in pure elemental form are emphasized.
Basic Considerations
When a homogeneous solid solution of two or more species order on a lattice to form an intermetallic compound, three factors are altered that may influence the corrosion rates and stresscorrosion cracking behavior of the resulting phase:
Chemical activity (thermodynamics) Physical arrangement of atoms (orderinginfluenced kinetics) Deformation (slip character, stress-corrosion cracking, and hydrogen embrittlement) Thermodynamic Considerations. When two or more elements are mixed to form a solid solution, the chemical activity of the species in this solution differs from that of the same species in pure elemental form. The literature on metallurgical thermodynamics has measured these activities and developed methods for estimating them and calculating phase diagrams. Currently, commercial software packages are available for making these calculations. If the energy of dissimilar interatomic bonds is lower, on average, than similar bonds, then the solid solution will tend to lower its energy by becoming ordered, with specific species on specific lattice sites (typically, when the elements have significantly different electronegativities). Of course, this ordering reaction also alters the chemical activity of the various species in the intermetallic phase. Taking these thermodynamic changes into consideration and remembering that when etching metallurgical structures, the intermetallic phases become observable due to a difference in the dissolution rates, it is not uncommon for investigators to assume that intermetallic compounds will have significantly better corrosion properties than similar alloys. While this may be true in some cases, it should be kept in mind that most corrosion-resistant engineering alloys rely on passivity for resistance to corrosion and not nobility. That is, they usually have a large overpotential (excess free energy) driving corrosion and rely on the formation of a thin, continuous, and protective film of corrosion products to protect the underlying microstructure from corrosion. In fact, a large overpotential can be beneficial because it may speed the reformation and sealing of the passive film when it becomes ruptured by chemical or mechanical means. Fortunately, while the energy of ordering is sufficient to drive the ordering reaction at heat treating temperatures, the change in the chemical potentials of the species during ordering is usually small compared to the free-energy changes that drive corrosion reactions. During ordering, thermodynamic changes occur and alter the chemical potentials of the species, but the magnitude of these changes is usually insufficient to produce fundamentally different corrosion behavior (such as the transition from active to noble or passive).
While this may seem disappointing, it is actually a very important deduction in terms of making first-order approximations of the corrosion behavior of intermetallic compounds in aqueous environments. First-order approximations of corrosion behavior are usually done through the use of electrochemical equilibrium diagrams of the type first proposed and made popular by Pourbaix and co-workers (Ref 135) . These diagrams are essentially plots that identify the lowest energy phase that can form between an element and water as a function of electrode potential and pH. See the article "Potential versus pH (Pourbaix) Diagrams" in ASM Handbook, Volume 13A, 2003. Because the electrode potential is determined by the free energy for the chemical reactions between the elemental species and water, one should calculate a new diagram for each element in the intermetallic phase that takes into account chemical potential changes and the possibility of forming corrosion product phases that incorporate two or more of the species in the intermetallic phase (for example, NiAl 2 O 4 for NiAl or Ni 3 Al). Figure 21 provides examples of electrochemical equilibrium diagrams calculated for copper and tin that show the changes in the equilibrium boundaries for the various intermetallic phases that can form in the copper-tin system (Ref 136) . By examining these diagrams, it can be seen that the magnitude of the changes in the equilibrium boundary for the various phases is of the order of 10 to 100 mV, which could be a small percentage of the corrosion driving force. Therefore, while calculation of diagrams is preferred, first-order approximations of behavior for monolithic structural applications can be made from the electrochemical equilibrium diagrams of the pure elemental species, which are readily available in published atlases (Ref 135 Figure 22 shows the equilibrium diagrams for nickel and aluminum; the shift in the equilibrium lines to correct for the chemical potentials of nickel and aluminum in nickel aluminide are added as dashed lines (Ref 137) . By examining these diagrams, it can be seen that the equilibrium line for nickel has shifted so little that the change is not resolvable as a separate line from the pure nickel line. On the other hand, the aluminum equilibrium line has shifted dramatically toward more noble potentials, but it is still significantly active compared to either the hydrogen or oxygen reduction reactions, so that both will still occur spontaneously and cause corrosion or passivity. Because corrosion reactions are usually mass transport rate limited at these large overpotentials (driving forces), these changes in the driving force probably produce no significant changes in corrosion behavior under service conditions. However, the kinetics of dissolution or passivation could be influenced by the imposition of particular species as nearest neighbors in the ordered structure.
Ordering-Influenced Kinetics. While the influence of ordering on thermodynamics is well known and can be calculated, the influence of ordering on the kinetics of dissolution and passivation is less well understood. In the case of a binary solid-solution alloy with a completely random distribution of the two different species on the lattice sites, one may assume that the more active species will tend to be selectively removed from the surface, leaving a surface enriched with the more noble species. In some cases, the surface layer becomes porous, which enables the removal of the active species to much greater depths into the alloy, leaving behind a dealloyed layer that is a mechanically weak spongelike network of pores. Dealloying corrosion, as this is known, is covered in the article "Effects of Metallurgical Variables on Dealloying Corrosion" in ASM Handbook, Volume 13A, 2003. However, dealloying typically arises above a specific concentration known as the parting limit and occurs most commonly in alloys of two or more species with significantly different electronegativities (gold-copper, copper-zinc) (Ref 138, 139) . Based on the assumption that the parting limit is the atomic concentration where random distribution allows for the formation of a continuous percolation path of the active species through the solid, it is estimated that parting should occur at concentrations above approximately 18 mol fraction, which corresponds with the experimental results (Ref 140) . Intermetallic compounds frequently exceed these concentration and electronegativity difference requirements without exhibiting dealloying (decomposition and dealloying), although dealloying does appear to occur in some cases, such as the copper-bearing grain-boundary precipitates in Al-Li-Cu alloys (Ref 141, 142) . Because ordering does not usually alter thermodynamic conditions enough to modify corrosion behavior, as discussed previously, then this observation indicates that atomic arrangement influences the kinetics of dissolution and lends support to the percolation analysis of Ref 120. Of course, this would mean that the type and stoichiometry of the intermetallic structure will also be important and that the copper deposits found outside pits and cracks in Al-Li-Cu alloys may be pieces of the dealloyed intermetallic phase broken off by the hydrogen gas bubbles generated in the cathodically active copper-rich sponge and not dissolved and reprecipitated copper.
The L1 2 structure of A 3 B-type intermetallic compounds frequently forms in binary facecentered cubic solid solutions (such as Ni 3 Al and Ni 3 Fe). In this structure, the B-type atoms are surrounded with only A-type nearest neighbors. As a result, these systems are excellent candidates for investigating the ability of ordering to induce stoichiometric limitations on dissolution rates. If the A-type atoms are the more noble in the structure, as is the case in the compounds identified previously, then the dissolution rate of the more active species is limited to the rate it becomes exposed by dissolution of the more noble species. Electrochemical measurements were conducted on Ni 3 Al in a wide range of solutions without observing any evidence of dealloying (Ref 143) . Figure 23 is an example of the current measured as this compound is dissolved anodically with closed-loop control of potential as the potential is increased in sulfuric acid (Ref 137, 143, 144) . At this pH, this compound corrodes actively at open circuit but passivates when anodically polarized. Included in this figure is the current measured on pure nickel. By examining this figure, it can be seen that ordering in Ni 3 Al appears to block aluminum dissolution until nickel dissolution starts, at which point the current created by dissolution The potential ranges for the aluminide correspond to the aluminum concentration range from 0.2 to 0.3 mol fraction. The dashed lines illustrate the range of water stability from oxygen to hydrogen evolution, and it can be seen that ordering has not significantly altered the position of the nickel and aluminum equilibria relative to these reactions.
increases slightly more rapidly on the intermetallic until the onset of passivity, after which lower currents are observed on the aluminide. Clearly, aluminum dissolution, which could cause hydrogen evolution, absorption, and embrittlement, is limited to the stoichiometric ratio and determined by the rate of nickel dissolution (Ref 144) .
Another way to examine this issue is to suddenly expose the bare and reactive surface of an intermetallic compound to a solution while measuring the potential with a reference electrode that has a potential fixed on the hydrogen electrode scale and therefore allows for direct measurement of the thermodynamic driving forces. When a bare surface is exposed rapidly to a solution in this manner, anodic reactions start immediately, while the mass transport required by cathodic reactions delays their initiation for a few milliseconds. Theoretically, this will result in the potential of the sample becoming more negative until the potential for equilibrium with the chemical potential of the species dissolving from the intermetallic compound is reached . When an experiment of this type was performed on Ni 3 Al, the potential did not go below that predicted for nickel in Fig. 23 , as shown in Fig. 24 (Ref 144 ). This does not indicate that aluminum is not dissolving, only that at potentials near the equilibrium potential for nickel dissolution, where there is still a large overpotential driving aluminum dissolution and the net nickel dissolution rate is approaching 0, the charge created by aluminum dissolution is not enough to overwhelm the nickel oxidationand-reduction-exchange current density.
Deformation, Slip Character, StressCorrosion Cracking, and Hydrogen Embrittlement. When a random solid solution becomes ordered, it creates a specific arrangement of atomic nearest neighbors that lowers the energy of the solid. When a dislocation passes through this solid, it breaks this arrangement and creates a higher-energy region on the slip plane behind it, where the nearest neighbors of the atoms are not of the preferred type, until a second dislocation passes and returns the region to the original configuration. This antiphase region between the two dislocations is analogous to a stacking fault, where, instead of a dislocation decomposing into two partial dislocations connected by a stacking fault, there is now a superdislocation that is two dislocations connected by an antiphase domain boundary. As in the case of stacking faults, the formation of antiphase domain boundaries limits cross slip and promotes less homogeneous planar slip. Limiting cross slip reduces the ability of the solid to accommodate slip at grain boundaries where the slip planes of the adjacent grains are not aligned and promotes the formation of dislocation pileups and cracks (Ref 149) . The limited ductility of many intermetallic phases has been attributed to this phenomenon, and the beneficial influence of boron on the ductility of many intermetallic compounds has been attributed to the influence of this addition on order and slip in the grain-boundary region as well as to a beneficial influence on grain-boundary cohesive forces (Ref 150, 151) . Of course, hydrogen and stress-corrosion cracking are both known to promote intergranular fracture. As a result, the influence of hydrogen produced by cathodic charging on the ductility of Ni 3 Al (þ200 ppm boron) was studied (Ref 152) , and it was found that cathodic hydrogen lowered the ductility of this material dramatically and changed the fracture mode from ductile transgranular to intergranular. Similarly, the influence of potential and pH on the ductility of Ni 3 Al (þ200 ppm boron) was studied (Ref 153, 154) , with the conclusion that in any solution or pH, intergranular fracture and low ductility resulted whenever the potential of the sample became low enough to produce hydrogen, as shown in Fig. 25 . Because most intermetallic compounds have at least one component that has a chemical potential that is active with respect to the potential required to spontaneously produce hydrogen by decomposition of water, investigators have found that most intermetallic compounds can be embrittled by exposure to humid air. This has created questions 
Practical Understanding
The objective of corrosion research is to convert scientific understanding into practical alloy selection and design guidelines. The understanding of aqueous corrosion of intermetallic compounds is not to the point where one can do this unequivocally, and thorough testing to evaluate performance should be conducted for any application. This testing should include outof-service conditions as well as in-service conditions. References 158, and 159 have recommended the use of corrosion-mode diagrams to guide alloy selection for corrosive applications in a manner similar to the deformation mechanism maps of Ref 160 to 162. These diagrams are essentially electrochemical equilibrium diagrams where the modes of corrosion failure observed are plotted instead of the calculated equilibrium phase. An example of one of these diagrams is shown in Fig. 26 for Ni 3 Al (Ref 163) . By examining this figure, it can be seen that this intermetallic compound is passive over most of the range of potentials and pH that water is thermodynamically stable. It is interesting to note that while the chemical potential of aluminum in this solid is sufficient to cause hydrogen evolution, no evidence of hydrogen embrittlement was observed in any solution until the potential of the bulk sample reached that required for hydrogen evolution. Also interesting is the ability of Ni 3 Al to exhibit passivity at a much lower pH than that predicted by the equilibrium diagram of Fig. 23 , but nickel also shows passivity at anomalously low pH (Ref 145) . Table 7 shows the corrosion rates determined for nickel aluminide alloys in a variety of different solutions, and Table 8 behavior indicated by the corrosion-mode diagram for Fig. 25 . Perhaps the most interesting low-temperature applications for intermetallic compounds require resistance to wear and corrosion combined. These applications require a combination of strength and corrosion resistance, and as shown in Table 9 , intermetallic compounds have this combination and can exhibit many times better resistance to these combined failure mechanisms than existing alloys. This article was not written to provide a catalog of the corrosion response of the numerous varieties of intermetallics. Instead, the emphasis is placed on generic principles governing the corrosion phenomena of intermetallics and then focusing on the corrosion response of selected structural intermetallics. Some of the information presented here originated from the authors' own research in this area. Lack of space has forced the authors to be selective in choosing the topics. Consequently, such areas as interdiffusion modeling in closed and open corrosion systems and modeling of scale spallation have been excluded.
